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Abstract

The microstructure and carbide distribution in two commercial creep resistant, low-activation, martensitic alloys (F82H and JLF-1)
have been modelled using a thermo-kinetic calculation package. The microstructures after manufacturing and after long unstrained ther-
mal aging treatments (13500 h) at various temperatures (250, 400 and 550 �C), considered to be representative of service temperatures,
have been considered. In all cases, the calculated carbide size distributions match in order of magnitude experimental measurements,
although the shape of the distribution differs. The obtained results are more accurate for alloy F82H than for alloy JLF-1. Nevertheless,
this work shows that it is possible to obtain realistic estimates of the microstructure evolution of creep resistant alloys in long thermal
ageing treatments at service-like temperatures.
� 2007 Elsevier B.V. All rights reserved.

1. Introduction

Within the present international effort to develop a wide
range of viable alternatives to fossil fuels, a special interest
is being placed on the development of safer and more effi-
cient nuclear power plants and on the use of fusion for
power generation (ITER, DEMO). The process of selection
of the best materials for each of the different parts of a
power plant is one of the critical issues in its development.
Moreover, many components need to be able to perform in
very demanding conditions for all the planned life of the
power plant without replacement. Therefore, a good
understanding of their microstructure and mechanical
behaviour during all their working life is indispensable.
Obviously, it is not practical to perform life tests that last
years before being able to select the material to use. It is
therefore indispensable to put in place reliable modelling
techniques that would allow to shorten the development
time of such critical components.

F82H and JLF-1 are two of the reduced-activation fer-
ritic/martensitic alloys that have been considered for vari-
ous structural components (e.g. first wall and blanket

structures) for DEMO [1,2]. In both cases they present
good mechanical properties, adequate creep resistance up
to 550 �C and limited radiological activation. Both alloys
present a microstructure consisting of tempered martensite
with precipitation reinforcement. The creep resistance,
toughness and overall mechanical properties of these alloys
depend directly on the stability of the reinforcing phases
and their fine distribution. The work presented here shows
how it is possible to describe and predict the distribution of
those reinforcing phases in the As Manufactured material
and during and after being annealed for 13500 h at temper-
atures ranging from 250 to 550 �C (Thermally Aged condi-
tion), which are temperatures comparable to the ones
found in service conditions. The calculated size and distri-
bution of precipitates is compared the experimental data
gathered experimentally using image analysis and transmis-
sion electron microscopy [3,4].

2. Materials and experimental procedures

Casts of F82H and JLF-1 steels were produced on an
industrial scale ingots. The As Manufactured plates had
been subjected to a normalising and tempering treatment
[3,4], and supplied as 7.5 and 15 mm thick plates. The prior
austenite grain size for F82H is 100 lm and for JLF-1
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25 lm [4]. The composition of each alloy is given in Table 1.
The As Manufactured condition consisted in normalisation,
quench and tempering. Thermally aged samples were
annealed for 13500 hours at three different temperatures:
250, 400 and 550 �C. These temperatures were specifically
chosen for being representative of typical service condi-
tions. Details of the heat treatments considered are summa-
rised in Table 2.

3. Microstructural characterisation

Microstructure of both alloys in the different conditions
studied had been characterised in a previous work by opti-
cal microscopy, SEM and TEM [3,4]. Prior austenite grain
size had been determined following the procedure
described by Barcelo and Brachet [5]. This method esti-
mates the prior austenite grain size of samples of alloy
F82H in 100 lm and of alloy JLF-1 in 25 lm [4]. The
microstructure of both alloys consists in martensite laths
decorated with various types of precipitates. F82H presents
as well some regions where martensite has partially recry-
stalised during tempering to form equi-axed ferrite. Figs.
1 and 2 correspond to the characteristic microstructures
of both alloys in the As Manufactured condition. In the first
of them specially, the precipitate distribution suggests the

prior austenite grain boundaries, and also shows the mar-
tensite lath structure.

Carbide extraction replicas were examined by TEM and
image analysis used to determine the precipitate distribu-
tion. The experimental method to characterise the carbide
distribution consisted in dissolving a thin layer of matrix,
applying a carbon substrate to which the precipitates
become adhered and then using image analysis on TEM
micrographs of these carbon extraction replicas to deter-
mine the distribution. Rigourously, this type of methodol-
ogy gives neither a ‘surface distribution’ nor a ‘volume
distribution’ although if the thickness of the layer studied
is taken into consideration, the measurement is an estimate
of the volumetric distribution of precipitates. Even in such
case, the performance of the extraction can be suspected to
be a function of the size of the precipitate (i.e. a proportion
of the precipitates much smaller than the thickness of the
layer of matrix dissolved may be lost in the process and
therefore, unaccounted for in the measurement) and differ-
ent methods could be considered to try to correct that
effect. In the experimental study used to validate the pres-
ent calculations it was preferred to keep the measured dis-
tribution unadjusted [3,4]. The number of precipitates
taken into account to determine the carbide distribution
was just over 2000 precipitates per alloy and metallurgical
condition on average (this value ranging from 1569 to
2671) [3].

The reinforcing phases are formed by a very fine and
mostly stable distribution of MX precipitates and a distri-
bution of coarser carbides. Larger carbides have been char-
acterised as M23C6, but other carbides of varying
stoichiometry and structure but similar morphology to
M23C6 are present as well, specially in the case of JLF-1
steel [3,4]. The distribution of MX precipitates, once
formed, remains stable during all treatments considered,
with an average precipitate radius in the order of few
nanometers.

After thermal aging, microstructure still consists of tem-
pered martensite, and only the carbide distribution presents
a noticeable evolution. Carbide composition varies slowly
during thermal aging at all temperatures studied, and in

Table 1
Nominal composition of the experimental alloys studied, in wt% [3,4]

Alloy C Si Mn Cr V W N Ta

F82H 0.087 0.10 0.21 7.46 0.15 1.96 0.0066 0.023
JLF-1 0.106 0.05 0.52 8.70 0.18 1.91 0.028 0.028

Table 2
Heat treatments considered, As Manufactured (normalisation and tem-
pering) and Thermally Aged (normalisation, tempering and thermal aging)
[3,4]

Alloy Normalisation Tempering Thermal aging

F82H 0.6 h @ 1040 �C 1 h @ 750 �C 13500 h @ 250, 400 and 550 �C
JLF-1 1 h @ 1050 �C 1 h @ 780 �C 13500 h @ 250, 400 and 550 �C

Fig. 1. Micrograph showing an overview of F82H precipitate distribution
in the As Manufactured condition.

Fig. 2. Micrograph showing an overview of JLF-1 precipitate distribution
in the As Manufactured condition.
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no case the occurrence of formation of Laves phases was
observed [3,4].

4. Modelling precipitation

The simulation of the precipitation reactions has been
performed using the theoretical model developed by Koz-
eschnik et al. at the Graz University of Technology [6–8].
This model is based on the thermodynamic extremum prin-
ciple of maximum energy production, which in solid-state
precipitation processes in equivalent to a constraint Gibbs
free energy dissipation rate [9,10]. The model makes use of
the CALPHAD-like thermodynamic database IWS_Steel

also developed at the Graz University of Technology [6–
8]. This model has been implemented in the software pack-
age MatCalc, of which the Linux implementation v.5.13/
beta 16 has been used in the present work.

The IWS_Steel database, does not include the element
tantalum. However, the database does include niobium
which has a similar atomic structure to tantalum, and
therefore it is reasonable to expected that for the aim of
this work, it behaves in a sufficiently similar way. There-
fore, an equivalent quantity of niobium has been used in
the place of tantalum for the present calculations. Other-
wise, the nominal composition of the alloys, as shown in
Table 1 is the one that has been used in the calculations.

Matrix phases defined in the calculations are austenite
and ferrite (martensite) as corresponds to thermodynamic
criteria for each instant during the heat treatment. Disloca-
tion densities for both phases have been taken from refer-
ence literature, with austenite presenting a dislocation
density of 1011 m�2 and martensite 1014 m�2 [11,12]. Addi-
tional microstructural parameters used in the model have
been taken from a previous work characterising the alloys
[3,4]. Martensite laths have been described as being 0.1 lm
thick and with an aspect ratio of 100 for F82H and 50 for
JLF-1 [3]. Microstructural parameters are summarised in
Table 3. For any additional microstructural parameters,
the standard definition of each phase in MatCalc databases
have been used.

Four types of precipitates have been included in the cal-
culations, that is, cementite, M7C3, M23C6 and MX, which
have been considered the essential phases required to
describe the precipitation phenomena in the type of alloys
considered. Each additional precipitation reaction adds
substantially to the required computer resources needed

to reach the completion of the calculation and for this rea-
son, minor phases like M4X3 or M6C, found only in alloy
JLF-1 but not in F82H, have not been included in the cal-
culations [3,4].

Finally, a choice about the precision of the calculation
of the precipitate radius distribution needed to be made.
During the calculations precipitates are considered as
belonging to a number of size classes of particles with the
same radius and composition. Individual size classes are
created, rearranged and deleted during the calculation,
allowing to model the evolution of the precipitate size dis-
tribution. Unfortunately, the choice of the number of clas-
ses represents a trade-off between calculation time and
required precision. In order to assess the accuracy of the
precipitate distribution, all calculations have been per-
formed using an intermediate precision. A large precision
(i.e. 250 size classes) would have yielded a more precise dis-
tribution, but it would have made the modelling of the
thermal aging treatments excessively demanding computa-
tionally. Furthermore, it has been deemed more appropri-
ate to use the same precision for all calculations. Therefore,
both for the normalisation and tempering treatment and
for the thermal aging treatments spanning thousands of
hours, only 50 size classes have been used, which has still
been able to produce an estimation of the size distribution,
but permitting to complete the calculations within a rea-
sonable amount of time.

5. Results and discussion

5.1. General heat treatment

The thermo-kinetic model package MatCalc has been
chosen for this work due to its capacity to calculate the
evolution of the microstructure, especially the nucleation,
growth and eventual coarsening or redissolution of the var-
ious types of precipitates in complex multi-component sys-
tems. The evolution of the precipitate phases considered
during the tempering stage of the heat treatment leading
to the As Manufactured condition) for alloy JLF-1 is shown
in Figs. 3 and 4. Only the tempering stage has been plotted
because all precipitate reactions start to occur during this
stage.

The heat treatment simulated is described in Table 2.
The evolution of the precipitation reactions can be seen
in Fig. 3. In that Figure it is possible to appreciate that
the normalisation temperature is sufficient to solubilise all
elements, and that it is not until subsequent stages in the
treatment that precipitation occurs. Full dissolution of all
precipitates during normalisation is expected for this alloy
composition although in alloys with higher nitrogen con-
tent it would be expected that higher normalisation temper-
ature would be required to completely solubilise all MX
precipitates.

During the tempering treatment, a classical sequence of
precipitation occurs, starting with a brief appearance of
cementite, which disappears swiftly with the precipitation

Table 3
Microstructure parameters used in the calculations [3,4], and dislocation
densities in each phase [11,12]

Alloy: F82H JLF-1 F82H JLF-1

Austenite Martensite
Grain size/lm 100 25 Lath thickness/lm 0.1 0.1

Lath aspect ratio 100 50
Dislocation

density/m�2
1011 1011 1014 1014
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of the more stable carbides M7C3 and M23C6 [13]. The
most stable of the carbides considered is M23C6, although
the kinetics of redissolution of M7C3 for alloys of the com-
position considered in this work are specially slow, spe-
cially at lower temperatures. Consequently is not
altogether surprising to find that the carbide distribution
is formed by a combination of various types of carbides,
presenting a range of composition and size, although sim-
ilar morphologies. In the present work only cementite,
M7C3 and M23C6 have been considered.

Finally, Fig. 4 shows the evolution of the average radius
for each of the precipitating phases MX, M7C3 and M23C6.
This value takes into account all particles with radii above
the critical stability radius for that precipitating phase.

From the later two Figures it is interesting to notice that,
according to the simulation, for an alloy of composition of
JLF-1 the carbide distribution is formed mainly by M7C3-
type carbides of small size but also includes a smaller pro-
portion of much larger M23C6-type carbides. These two

carbides present similar morphologies, although they could,
in principle, be easily differentiated from their composition.
Actually, as the composition of precipitating carbides rarely
matches the equilibrium composition for that phase [14],
that is not straightforward, and it would be expected that
what occurs is a continuous variation in composition as pre-
cipitates form and grow [13]. Once the carbide has formed,
its composition tends towards its equilibrium composition.
In any case, in the next section, when the carbide distribu-
tion calculated during this work is compared with the exper-
imentally determined carbide distribution, both carbide
distributions have been considered to be part of the one sin-
gle carbide distribution.

5.2. Carbide distribution and evolution

The carbide distribution obtained in the calculations is
compared with the distribution determined experimentally
[3,4]. In all cases, it is expected that the profile of the calcu-
lated carbide distribution will be narrower than the one
obtained from direct experimental measurements, due to
the fact that the model considers a completely homoge-
neous material in terms of composition and microstruc-
tural description, while a real material will never show
such homogeneity. The composition of the real alloy pre-
sents small variations around the nominal composition,
and parameters like grain size or martensite lath thickness
and dislocation density vary also locally. This develops in a
distribution of precipitates that has seen contributions
from all those different conditions. Obviously, although it
would be possible to model that variability by considering
the variance of all parameters involved, it would add sub-
stantially to the computer time required to obtain the cal-
culation. On the other hand, it was expected that the
mean value of carbide radius obtained from the calculation
would be representative of the distribution found experi-
mentally, and that the distribution would be acceptably
accurate.

The average carbide radii determined experimentally are
compared to the average carbide radii calculated in Table
4. For both alloys, the calculations describe correctly the
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Fig. 3. Evolution of the precipitate phase percentage in alloy JLF-1
during the tempering stage of the As Manufactured treatment. Solid line
corresponds to MX precipitates; dashed line to M7C3 and dotted line to
M23C6.
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Fig. 4. Evolution of the precipitate average radius in alloy JLF-1 during
the tempering stage of the As Manufactured treatment. Solid line
corresponds to MX precipitates; dashed line to M7C3 and dotted line to
M23C6.

Table 4
Comparison of average carbide radii experimentally determined [3,4] and
calculated

Experimental �R/nm r/nm Calculated �R/nm

F82H AR 21 14 21
250 24 15 21
400 26 16 21
550 25 15 26

JLF-1 AR 25 17 33
250 25 14 32
400 24 15 32
550 22 14 35

AR stands for normalised and tempered condition, and 250, 400, 550
correspond to the thermal aging treatments at each of those temperatures.
�R is the average radius and r the standard deviation of the experimental
measurements.
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stability of the carbide distribution, even after long thermal
aging treatments. In the case of alloy JLF-1, the model
overestimates consistently the average size of the carbide
distribution, although stays in the correct order of magni-
tude both for the normalising and tempering treatment
and for all long thermal annealing treatments.

The experimentally determined and calculated distribu-
tions are shown in Figs. 5–8 for alloy F82H and Figs. 9
and 10 for alloy JLF-1. The calculation proves to be able
to give a good estimate of the order of magnitude of the
mean carbide radius, although the determination of the
precise shape of the distribution bell is less accurate. For
instance, the bell of the theoretical distribution is narrower
than the experimental one, but this would be expected due
to a series of facts, due to shortcomings in both the model
and on the experimental method used to determine the
experimental precipitate distribution. On one hand, and
as described above, the model considers one homogeneous
composition and averaged microstructure, while the real
materials present small inhomogeneities in both composi-
tion and microstructural parameters. The only way to
model the mentioned inhomogeneities would involve pro-
ducing a number of calculations covering a range of com-
position and microstructure and superimpose their

results. Doing so, would produce a wider distribution of
precipitates that would be closer to the one existent in
the real material. However, it would increase substantially
the computer time needed to reach the final result. On the
other hand there the various sources of experimental error
that on accumulation lead to a widening of the measured
distribution with respect to the real precipitate population

Fig. 5. Comparison between carbide distribution determined experimen-
tally (dotted line) and calculated (bars) for alloy F82H in the As

Manufactured condition.

Fig. 6. Comparison between carbide distribution determined experimen-
tally (dotted line) and calculated (bars) for alloy F82H after thermal aging
at 250 �C.

Fig. 7. Comparison between carbide distribution determined experimen-
tally (dotted line) and calculated (bars) for alloy F82H after thermal aging
at 400 �C.

Fig. 8. Comparison between carbide distribution determined experimen-
tally (dotted line) and calculated (bars) for alloy F82H after thermal aging
at 550 �C.

Fig. 9. Comparison between carbide distribution determined experimen-
tally (dotted line) and calculated (bars) for alloy JLF-1 in the As

Manufactured condition.
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[15]. Two main sources of error are considered to affect the
measurements by de Carlan and Alamo [3,4]. On one hand
there is the measurement error due to the experimental
method used in the determination of the carbide distribu-
tion (image analysis performed on micrographies of car-
bide extraction replica) that is difficult to eliminate
altogether. On the other hand there is a possible statistical
artifact due to the influence of the radius of the precipitate
on the performance of carbide extraction. During the
experimental characterisation of the precipitate distribu-
tion, it was assumed that the performance of the method
was constant for all particle sizes [3,4].

As for the differences in accuracy for different alloys, it is
clear that the calculations corresponding to alloy F82H
(Figs. 5–8) are more precise than the ones for JLF-1 (Figs.
9 and 10), as it was already seen when comparing the aver-
age carbide radii in Table 4. In the later case, the model
tends to consistently overestimate the average carbide
radii, while still remaining within the correct order of mag-
nitude. On the other hand, the samples of steel JLF-1 pre-
sented a more complex microstructure than F82H, with a
more diverse range of precipitates [3,4], some of which have
not been included in the calculation, and that could help
explain the discrepancies between calculated and experi-
mentally determined carbide distributions.

As a final reflection, it is the view of the authors that
although it was not the aim of the study at this stage to deal
with the effect of stresses on the evolution of the micro-
structure, nor the effect of irradiation, these aspects need
to be the subject of continuation studies. The design of
new alloys for high temperature applications requires to
be able to model and describe the evolution of the micro-
structures of real, multi-component, multi-phase alloys
during service conditions. Two elements are needed for
that, on one hand, models that are able to describe the
complex phenomena of microstructure evolution in real
materials under creep conditions and under irradiation,
and of course, suitable experimental data to be able to cor-
roborate the validity of such predictions.

To that end, a package like the one used in this work
has shown the capability to model the evolution of the

microstructure under thermal ageing treatments, and there-
fore it would be interesting to apply its capabilities to look
into some of the aspects related to microstructure evolution
at high temperatures under stress and also under irradia-
tion. Just to give one example of the aspects of the effect
of irradiation damage in precipitation reactions that could
be considered using the models used in the present work
would be to look into the increase in diffusivity of some ele-
ments with the increase in vacancies, and the subsequent
effect in the kinetics of precipitation.

6. Conclusion

The microstructure and carbide distribution in two com-
mercial creep resistant, reduced-activation alloys (F82H
and JLF-1) have been simulated using a thermo-kinetic
model package. The microstructures after manufacturing
and after long thermal aging treatments (13500 h) at vari-
ous temperatures, comparable to temperatures found dur-
ing service conditions, have been considered.

In all cases, the calculated carbide distributions are a
good estimate of the average carbide size found in experi-
mental measurements. However, the results are more accu-
rate for alloy F82H than for alloy JLF-1. Nevertheless, the
results of the modelling show that it is possible to estimate
accurately the evolution of the microstructure and carbide
distribution even for extremely long heat treatments, at
temperatures comparable to the ones found in real service
conditions of power plant applications.

The present work shows that the microstructure evolu-
tion during long unstressed thermal aging treatments of
multi-component, multi-phase alloys can be modelled
accurately. The natural continuation of this work is to
use the same models in the study of the effect of stresses
on the evolution of the microstructure and on the kinetics
of precipitation. These aspects need to be the subject of
future studies, given that suitable experimental data
becomes available.
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Barcelona, 1992.

D. Gaude-Fugarolas, Y. de Carlan / Journal of Nuclear Materials 374 (2008) 109–115 115


